This paper presents a model which quantitatively predicts grain refinement and strength/hardness of Al alloys after very high levels of cold deformation through processes including cold rolling, equal channel angular pressing (ECAP), multiple forging (MF), accumulative rolling bonding (ARB) and embossing. The model deals with materials in which plastic deformation is exclusively due to dislocation movement, which is in good approximation the case for aluminium alloys. In the early stages of deformation, the generated dislocations are stored in grains and contribute to overall strength. With increase in strain, excess dislocations form and/or move to new cell walls/grain boundaries and grains are refined. We examine this model using both our own data as well as the data in the literature. It is shown that grain size and strength/hardness are predicted to a good accuracy.
Introduction
Deformation to effective strains higher than about 2 is achieved in a range of processes that are either industrially relevant presently or very promising in terms of future application. Established processes include cold rolling to high strains and embossing. In addition to these, the last three decades has seen extensive research in the field of newer processes collectively named severe plastic deformation (SPD) techniques [1, 2, 3] . These techniques include equal channel angular pressing (ECAP), high pressure torsion (HPT) and accumulative rolling bonding (ARB). One of the main advantages of these SPD techniques is that ultra high plastic deformation (with strains in the order of 10 and higher) is achieved without a substantial change in dimensions of the worked sample, thus allowing very strong grain refinement, whilst avoiding contaminations that may be introduced in other techniques [1, 3] .
Alloys with fine grains have many attractive properties such as good formability and superplasticity, and their strength is increased. To exploit these benefits it is crucial to understand the mechanisms of grain refinement and to have the ability to accurately predict the grain size after these high deformation processes. Ultra fine grains or even nanostructured grains (grains with size below 100 nm) can generally only be obtained if the processing temperature is limited
The objective of the present study is to construct a model to predict the grain size and yield strength/hardness of a range of Al alloys subjected to high levels of cold plastic deformation. The model will include grain boundary strengthening, solid solution strengthening, precipitation strengthening and dislocation strengthening. Following earlier work from our group [33] we will avoid considering width of cell walls and simplify the treatment of dislocations to consider only volume average dislocation densities. The aim is to provide a transparent, computationally friendly model, with very limited number of fitted parameters as compared to the above mentioned models and verify this model by comparison to data on alloys processed by SPD and by industrially relevant cold deformation processes.
The model 2.1 Dislocation generations
In many metals and alloys cold plastic deformation takes place in most conditions mainly by dislocation movement. Although some deformation through twinning can occur, for example in magnesium, this only changes crystal direction to benefit the dislocation movement and does not contribute much to the overall deformation [34] . The moving dislocations may be blocked by obstacles (such as other dislocations, particles and grain boundaries), or stored in grains; and new dislocations can be generated to continue the deformation. This process was quantitatively studied by Kocks, Mecking and Estrin [35, 36, 37, 38] through an evolution equation (the KME model): where ρ ig is the (volume averaged) dislocation density (in the grains), ε is the strain, b is the Burgers vector, l is the mean free path for dislocation movement and k 2 is a constant. The (bl) -1 term in Eq. 1 is associated with the athermal storage of dislocations due to moving dislocations blocked by obstacles [38] . The k 2 ρ ig term in Eq. 1 is related to the dislocation density decrease due to annihilation. We take this 'annihilation' to mean that dislocations are accumulated into grain boundaries (see Section 2.2 and [33] , they are effectively subsumed in the grain boundary). If the first term is dominant, the total dislocation density increases with strain as:
We will term ρ g the total generated dislocation density, the volume averaged dislocation density that would be obtained if no dislocations are annihilated. Eq. 2 can be alternatively obtained by Orowan equation [39] . The volume averaged dislocation density that is stored in grains  ig can be obtained by integrating Eq. 1:
where  0 is the initial dislocation density stored in grains.
We consider the strengthening contribution of dislocations follows the classical relation [40, 41, 42] :
Δ is the shear stress increment due to dislocation density increase,  1 is a constant, value of which is about 0.3 [41] , G is the shear modulus. The relations of the shear strain and the shear stress and their equivalent counterparts of polycrystalline metals in plastic deformations are given by [43, 44] ,
M is the Taylor factor, are the shear strain and the shear stress and  and  are the equivalent strain and stress. At the early stages of deformation, dislocation generation is dominant and generated dislocations are thought to store in grains. Thus, the evolution equation of flow stress increment with equivalent strain is provided by substituting Eq. 2 in to Eq. 4:
Eq. 6 holds when strain is between about 0.01 to 0.05 for a range of Al alloys as well as other alloys [12] . We consider that dislocation generation during straining is continuous, and through extending application of Eq. 6 to large strain, the total volume averaged amount of dislocations generated per volume is provided by substituting Eq. 6 to Eq. 2:
K A can be obtained experimentally through tensile test or predicted using the model described in Ref. [33] . The latter model incorporates (amongst others) Eq. 4 to Eq. 7 and also considers the contribution of the solid solute atoms to the mean free path to provide [33] :
Eq. 8 where C 2 and K A 0 are constants, r and f are average radius and the average volume fraction of non-shearable particles, respectively. X i are concentrations of alloying elements i and B i are the constants related to the relevant elements. Detailed description of the model of total generated dislocations and K A and identification of the values of the parameters is provided in Ref [33] .
Formation of cell walls/grain boundaries
Typically, the dislocation density in grains after cold deformation at large strain (about 4 to 10) is of the order of magnitude of 10 14 m -2 in Al alloys [45, 46, 47, 48, 49, 50] , which is two orders of magnitude lower than the generated dislocation density predicted by Eq. 7. In the KME model, the second term in the right part of Eq. 1 accounts for the difference between total generated dislocation density and dislocation density in grains. The physical essence behind this difference has been attributed to the annihilation due to recovery, but it is not clearly defined how the excess dislocations annihilate and recover [38] . We believe that annihilation of dislocations of opposite signs on the same slip plane is unlikely [33] (an exception is that it occurs when the reverse strain involved [51] , but it is not the topic of the current work). Part of the dislocations generated during deformation store in grains (for instance due to being trapped by obstacles, including second phase particles and other dislocations) and the excess dislocations either form new cell walls or move to cell walls/grain boundaries. On increasing deformation, dislocations are continuously generated, and accumulate at/in the cell wall/grain boundary. During this process cell walls gradually transform into grain boundaries. Therefore, the length of the totally generated dislocations (L g ) is equal to the length of dislocations in grains (L ig ) plus the length of dislocations that have either formed or are accumulated in grain boundaries (
The length of dislocations stored in tilt low angle grain boundaries (L tilt ) is related to the misorientation angle between the adjacent grains () through the basic equation  =b/s [52] in which s is the average distance between dislocations, i.e. :
where A is boundary area, V is entire volume of the material and S v tilt is boundary area per unit volume for subgrains (cells) with tilt boundaries. Eq. 10 is valid for a tilt subgrain boundary. For a mixed tilt/twist subgrain boundary, the equation can be approximately written as [18, 19] ,
where L cw and  cw are dislocation length and dislocation density stored in subgrain boundaries (cell walls), respectively. S v cw is boundary area per unit volume for subgrains (cells). The redundant dislocations in boundaries which do not contribute to the misorientation are neglected since the redundant dislocation number significantly decreases with increasing strain [18, 19] . In the present work we will consider that the latter equation also holds at least in good approximation for high angle grain boundaries (HAGBs) [33] , with the dislocation density now referring to the dislocations subsumed into the grain boundary. (We will discuss this point further in Section 6.2.) Thus the density of dislocations forming/moving to cell walls/grain boundaries is taken as:
where  is average grain boundary misorientation angle and S ve is the equivalent boundary area per unit volume for refined grains formed in the deformation processing. The maximum possible value of  is 45 when the grains are randomly oriented [53] . The value of for SPD processed Al alloys starts to approach a constant value (about 20 to 25) after a certain strain (typically 3) [33] . Analysis of  data on a number of severely plastically deformed Al alloys [22,46,54,55,56,] has shown that  can be approximated well by [51, 57] .
Eq. 13
where n =1, and m is the maximum value that the average misorientation angle can take (45 [53] ). A detailed explanation is provided in Ref [51] . Here, to simplify the equation, we take k=1
and fit the on  for a range of alloys to obtain  = 0.3.
The boundary area per unit volume, S v , is in practice often obtained by measuring the mean lineal intercept length, L , via the fundamental relationship S v = 2/ L [58, 59] . The grain shapes are thought to resemble that following a Poisson-Voronoi tessellation [60, 61, 62] (see also [63, 64] ), and thus S ve relates to the grain size as [60] :
Eq. 14 where S v0 is initial boundary area per unit volume prior to deformations, d e is defined as the equivalent refined grain size for a material with very large starting grain size (d o >>d e ). Substitution of Eq. 14 to Eq. 12 provides,
Thus, the equivalent refined grain size (d e ) of a material after a given strain can be calculated through substituting Eq. 3, Eq. 7, Eq. 12 and Eq. 13 to Eq. 15. (The latter equation for d e is equivalent to the one provided in [33] . We have here derived this equation in a different way incorporating dislocation line lengths, which we believe to be clearer, and we have modified the model to incorporate dislocations in the grain.) From the above follows that the average grain size (d) after deformation is obtained through from the original grain size (d 0 ) and d e as follows:
In most cases d 0 will be substantially larger than d e , and the size of coarse grains in the as received condition does not influence the grain size after deformation.
Hardness/yield strength of deformed Al alloys
In the present model, the yield strength of SPD processed Al alloys is taken as a superposition of grain boundary strengthening ( gb ) and critical resolved shear stress (CRSS) increments caused by the intrinsic stress( 0 ), solid solute elements ( sol ), precipitates ( ppt ) and dislocations ( d ).
It has been shown [54, 65, 66, 67] that an effective way of approximating this superposition is through:
If no substantial ageing or precipitation occurs,  sol and  ppt are constant, and we can introduce
, which has a constant value and depends only on alloys. Eq. 17 can then be simplified to:
In alloys that are not precipitation hardened  0 can be taken as the yield strength of the alloy in fully annealed condition. Grain boundary strengthening ( gb ) may be expressed as [14, 68] :
where  2 is a constant, d is the grain size predicted by Eq. 16. (For the present alloys both the Hall-Petch relation and the latter equation predict strengthening that is very limited as compared to other contributions [51] . This will be further discussed in Section 6.4.) The dislocation strengthening ( d ) is calculated by Eq. 4.
The Vickers hardness is expressed as [69] :
where C is a constant, the value of which ranges from 3.05 to 3.28 for worked Al-1050 by conventional mechanical processing (when Hv > 30 HV) [54] . Here, C is taken as the average over that range, ie. C=3.16 ((For further analysis on the ratio of hardness to yield stress of metallic alloys, see [69] ).
The present study was in part carried out using data from the literature and in part on original data. The latter data was obtained from studies on Al-1050, Al-Zr and Al-Zr-Si-Fe alloys. Al-1050 is commercial purity aluminium and was supplied as an extruded rod of 9.53 mm diameter. AlZr and AlZrSiFe were supplied as plate with thickness of 12 mm and width of 60 mm, in as cast condition. The average grain sizes of these three Al alloys in as received condition is 45 µm, 690 µm and 540 µm respectively. The chemical compositions are shown in Table 1 . The compositions are actual compositions obtained by chemical analysis. The alloys were cut to rods of 65 mm in length and 9.53 mm in diameter, then processed by equal channel angular pressing (ECAP) up to 12 passes by route B C at room temperature. The route B C represents that the billet is rotated 90˚ in the same direction between each pass. For ECAP processing, the lubricated billet using a suspension of MoS 2 in mineral oil was pressed through a die containing two channels, equal in cross-section (9.7 mm diameter), intersecting at an angle =90º. The equivalent strain after one pass of ECAP is about 0.92 [70] . (Further details of the experimental set up were provided in Ref [33, 54] .)
Electron backscattered diffraction (EBSD) was used to characterize the microstructure of the ECAP processed Al-1050, AlZr and AlZrSiFe Al alloys. Samples of 10 mm length used for EBSD analysis were machined from the centre of ECAP-processed billets. The surface of cross section was first mechanically ground up to 4000-grit SiC paper, then electropolished employing an electrolyte composed of 33 vol% nitric acid and 67 vol% methanol. The electropolishing was carried out with a DC voltage of 20-30 V for 30 seconds at -30˚C. The equipment used was a JEOL JSM6500F thermal field emission gun scanning electron microscope (FEG-SEM) equipped with an HKL EBSD detector and HKL Channel 5 software. The SEM accelerating voltage was set to 15 kV.
Step size is reported with the results; in most cases it was between 0.1 and 0.5 μm.
Orientation imaging microscopy (OIM) maps were obtained from the cross section perpendicular to the longitudinal direction of ECAP processed billets. The grain size was determined by an intercept method through an automated procedure. For misorientation angle distributions the lowest cut off angle was set at 2˚.
Transmission electron microscopy (TEM) was conducted on the ECAP processed AlZr alloy using a JEOL 3010 microscope operating at 300 kV. Disks of 2 mm in thickness were cut from ECAP processed billets and ground to a thickness of 0.5 mm. Subsequently, disks of 3mm in diameter were punched out, followed by twin jet polishing by an electrolyte composed of 33% nitric acid and 67% methanol at a temperature of -30˚C.
Throughout this paper we will report average grain sizes, d, as 1.455 x L , where L is the average intercept length (i.e. assuming that grain shape approximates those obtained by a Poisson-Voronoi construction [60] ).
Microhardness was tested using an MHT-1 model micro Vickers hardness tester. Five hardness values were measured on the cross section at the centre area of the ECAP processed billets. A force of 300g was applied and held for 15 second.
Experimental results

EBSD
Microstructures of the Al-1050, AlZr and AlZrSiFe alloys processed by ECAP, as characterized by EBSD, are shown in Fig.1-3 , respectively. In these figures, the grey fine lines represent grain boundaries of which the misorientation angle is between 2˚ and 15˚. Dark lines are grain boundaries with misorientation angle greater than 15˚. Misorientations less than 2˚ were ignored in order to remove the noise. The microstructure evolution of three alloys follows similar trends, i.e. after one pass of ECAP there is a strong increase in the amount of low angle grain boundaries; and with the increasing passes the fraction of high angle grain boundaries increases and the grain size decreases. The grain size of three alloys after various passes of ECAP is presented in Table 2 where grain boundaries are defined by misorientation angles greater than 2˚, and grain size was obtained by measuring the mean intercept length and converting to an average grain size. Fig. 4 shows TEM micrographs of the AlZr alloy after 1, 4 and 8 passes of ECAP. The shape of grains is found to develop from an elongated shape after 1 pass into an equiaxed shape, and the size of the grains decreases with increasing number of passes (i.e. with increasing accumulated plastic strain). After one single pass of ECAP, the microstructure consists of an array of bandshaped subgrains (Fig. 4 (a) ). The spacing between each band is approximately 0.6µm. After 4 passes of ECAP, the band-shaped subgrains are replaced by equiaxed grains with intercept lengths of about 0.5 µm (Fig. 4 (c) ) and after 8 passes of ECAP the intercept length is further refined to 0.4µm (Fig. 4 (e) ). As pointed out in previous work [33] , the grain size measured by TEM is slightly smaller than that measured by EBSD (see Table 2 ) which is due to the high resolution and omission of grain boundaries with misorientation angle smaller than 2˚ in the EBSD measurement. (For comparison with model predictions, the grain size measured by EBSD is used, as this measurement contains more grains, is statistically better defined and appears to be less susceptible to measurement errors.). Two forms of dislocation aggregates in grain boundaries were observed. One form is a parallel dislocation array (Fig. 4 (f) ) and the dislocation spacing in the parallel dislocation array is very small. The other is a polygonized dislocation wall (Fig. 4 (f) ), similar to those in conventionally deformed metals during recovery [71, 72] . This indicates the parallel dislocation wall is the transition state between the polygonized dislocation wall and the formation of a grain boundary. In general, dislocation density is inhomogeneous.
The Vickers hardness of three alloys after different passes of ECAP is shown in Table 3 . For all three alloys, the hardness increases significantly during the first pass of ECAP and increases more gradually in the subsequent passes. , which is a typical value for annealed Al [73] .
 0 is taken as the yield strength of the alloy in the annealed condition, which equals 28 MPa for Al-1050 [76] , 14 MPa for AlZr and 50 MPa for ArZrSiFe. The last two values were obtained from hardness measurements, which were converted to yield strength using Eq. 20. k 2 and l are the only two parameters that are not determined from prior published data. In the present model, to determine these two parameters, we fit the model to hardness data of AlZrSiFe and calculate the root mean square error (RMSE) of the predicted hardness when tuning these two parameters. The best fitting, when RMSE reaches the minimum value, provides k 2 = 1.86 and l = 5.6 m. k 2 is fixed throughout the present paper, i.e. it is applied to all alloys considered. The latter value of l is fixed for all commercial purity alloys with Al content higher than 99.5%.
The predicted grain sizes of the three alloys are presented in Fig. 5 . The grain size here is an average value for all grains with all misorientation angles larger than 2º. (As mentioned above the grain size is defined as 1.455 times the mean intercept length, see [33] ). The predicted grain size fits the measured grain size to within an average deviation of 24%. A simplified variant of this model for grain refinement (in which  ig is neglected) has been tested against a wide range of other Al alloys, such as Al-Mg, Al-Cu, Al-7075 and Al-6082, with similar average deviations [33] .
The predicted microhardness of the three alloys is shown in Fig. 6 . The predicted hardness agrees very well with the experimental data.
Cold rolled Al-1200
Liu et al [22] reported data on the microstructure and the yield strength of cold rolled Al-1200 with thickness reduction from 40% to 99% (corresponding to true strains ranging from 0.5 to 5). In Fig 7 and 
Eq. 23In the model,  d is measured in the TEM figures [22] as 3, K A is calculated to be 300 MPa [33] , and  0 is taken as the yield strength in the annealed condition (19.3 MPa, see [77] ). The remaining parameters are taken as the same values as Al-1050, see Table 4 for details. The l is determined as 4.5 m by fitting. The value of l is slightly smaller than that of Al-1050 because there are more alloying elements in Al-1200 and they form more particles. The predicted grain size and yield strength fit the measured data well and the RMSE are 0.33 m and 2.9 MPa, respectively. Fig. 8 also presents the grain boundary strengthening and the dislocation strengthening predicted by the model. Strengthening contribution of grain boundaries by HallPetch equation is plotted in Fig. 8 [27] .The predictions indicate dislocation strengthening is the dominant strengthening mechanism.
Al-6061 cold deformed by ECAP, multiple forging, rolling and ARB
Cherukuri et al [91] reported the microhardness of Al-6061 cold deformed by ECAP, multiple forging and ARB up to an equivalent strain of 5. This experimental data is plotted in Fig. 9 , and in the same figure the hardness predicted by the present model is shown. For these predictions K A is calculated to be 335 MPa (using the model in [33] ),  0 is taken as is the yield strength in the annealed condition (105 MPa, see [78] ). The remaining parameters are taken as the same values as Al-1050, see Table 4 for details. The only parameter that needed to be fitted is l, which is determined as 3.9 m. The value of l is slightly smaller than that of Al-1050 and Al-1200, and this difference is thought to be caused by the fact that Al-6061 has more alloying elements. The predicted microhardness fits the measured data excellently for Al-6061 processed by ECAP and multiple forging, but the hardness of samples processed by ARB exceeds these predictions, i.e. for the same equivalent strain ARB processed Al-6061 achieves a higher hardness than Al-6061 processed by ECAP and multiple forging.
The reason for this discrepancy is thought to lie in the oxide layers and particles that are known to be introduced at the location of the bonds between the layers during ARB [78] . This will influence the hardness in two ways. Firstly, the oxide particles will cause a local increase in K A and thus cause an enhanced grain refinement. Experimental evidence for this has been provided by Lee et al [78] who observed through TEM that the bonding area of ARB processed Al-6061 possessed a grain size that is much smaller than that away from the bonding zone. That work also confirmed the presence of a large amount of fine oxide particles observed in the bonding zone. These findings are fully consistent with our model, which indicates that the grain refinement is due to enhanced local dislocation generation around the non-shearable hard oxide particles. This grain refinement and additional dislocation generation is one reason for the enhanced hardness. A second reason for the enhanced hardness lies in the fact that the ARB processed material effectively has become an Al6061-Al 2 O 3 (laminar) metal matrix composite (see TEM figures in Ref 78) which has a higher flow strength than the Al6061 alloy. In a further paper [79] we will show that the present model can be expanded to incorporate the additional dislocation generation and grain refinement caused by the oxide particles, and that this expanded model can predict the hardness and grain size of the ARB processed alloy.
Discussion
The present model brings together several elements and approaches to provide a new integrated model for prediction of grain size and strength/hardness of Al alloys subjected to severe cold deformation. The approaches taken in the present model are thought to be reasonable as well as computationally efficient (and ultimately successful, see below) but it should be clearly stated that for most elements incorporated in the present integrated model alternative approaches exist. Discussing all the possible alternatives for sub-models is not realistically possible, and we will here focus on the most pertinent issues and refer to other works for further discussion and comparison.
Model accuracy and validity of model parameters
The present model accurately predicts the grain size and yield stress/hardness of a range of Al alloys after different deformation process (see Fig. 10 and Fig. 11 , data of embossed Al-1050 is from Ref 80) . The grain size prediction is shown to be valid for a range of alloys. The root mean square error (RMSE) for hardness prediction is 1.7 HV, and the average accuracy of grain size prediction is 25%. In the model, the mean free path, l, is the only parameter which is fitted using the experimental data. The value of l should be dependent on alloying, decreasing with increasing content of alloying/impurity elements due to increasing amount of second phase particles and precipitates in the alloys. The determined values of l for different Al alloys presented in Table 4 do indeed show this dependency, decreasing from 5.6 m for Al-1050 (Al-0.2%Si-0.2%Fe) to 3.9 m for Al-6061 (Al-0.9%Mg-0.7%Si-0.2%Cu-0.2Fe). A key advantage of the present model is thus that the grain size and strength of an Al alloy can be predicted after a given strain provided one parameter, l, is obtained either experimentally, or estimated from data provided here.
The concentration of alloying elements influences model predictions in several ways. Firstly, the composition influences K A (see Ref 33 for details), i.e. it influences rate of dislocation generation. Secondly, compositions influence strengthening contributions though solid solution strengthening and second phase particles. In the present paper we simplified the approach by making the approximation that the size, volume fraction and distribution of the second phase particles does not change significantly during cold deformation, therefore the solid solution strengthening, precipitation strengthening and intrinsic strengthening are taken as a constant term  0 , the value of which is assumed unchanged by deformation. This assumption is valid for alloys with a small amount of particles or particles that are already small before deformation. To improve this aspect of the model further one would need to derive a predictive model for particle fracture and refinement during deformation.
Structure of LAGBs and HAGBs and dislocation densities
Prediction of grain size using the present model strongly relies on the relation of the average boundary area and the density of dislocations forming or joining the boundaries (see Eq. 10). Eq. 10 was originally applied to low angle tilt boundaries formed by edge dislocations and its application is here extended to high angle grain boundaries (HAGBs) (see also [33] ). This approach effectively assumes that when a cell wall transforms to grain boundary, the effective total amounts of dislocations needed to obtain a certain misorientation between neighboring grains is unchanged. The misorientation angle between two adjacent grains separated by a HAGB then increases further as moving dislocations reach this HAGB and are subsumed in it. Some of the boundary structures that occur in the transition from cell walls and low angle grain boundaries (LAGBs) to HAGBs have been observed in the present TEM work (see Fig. 4 e and f) . Similar TEM results of the boundary structure evolution have been reported by Chang et al [72] . Chang et al [72] observed that "on increasing strain, polygonized dislocation walls transform firstly into partially transformed boundaries, then into grain boundaries" [72] , which is consistent with our model and the present EBSD results (see Fig.1-3 ) which show that the fraction of LAGBs decreases with increasing strain. Fig. 12 shows the predicted evolution of average dislocation density,  ig , for the alloys considered in the present work, together with data on dislocation densities for selected Al alloys obtained from the literature [49, 50, 81, 82] . Fig. 12 shows that the model predictions broadly correspond with XRD determination of dislocation densities in most of the corresponding alloys. However, it is obvious that there are some deviations, and we believe that these deviations are mostly due to the following. Firstly it should be noted that XRD determinations of dislocation densities derive from measurement of microstrain from line broadening analysis [83] . These methods can not reliably analyse dislocation densities that are highly inhomogeneous. In particular, when a small volume fraction of material has a much higher dislocation density as compared to the majority of the material, then the XRD line broadening analysis will not be sensitive to the high dislocation densities areas. Secondly, TEM determinations of dislocation densities (open symbols in Fig. 12 ) tend to provide lower dislocation densities due to these measurements generally focusing on lower dislocation density areas, whilst also possible loss of dislocations in the sample preparation can play a role. One effect here is that in TEM sample preparation local stresses are reduced and dislocations (especially geometrically necessary dislocations) are lost. In addition, there is some uncertainty on the reliability of determination of dislocation density through EBSD. Clearly these issues related to accuracy of various dislocation density measurements need to be studied in more detail. However, when we take these points into account, Fig. 12 shows that the dislocation densities predicted by the present model are broadly in line with measured data on similar alloys, and the model broadly captures the correct trends on increasing strain.
Grain boundary misorientations
The relation between dislocation density in a cell wall or low angle grain boundary and the misorientation between the grains adopted in the present work (Eq. 10), was originally provided in the context of boundaries / cell walls with low misorientation angles [18, 20] . As average misorientation angles increase to the typical values observed after SPD of about 30º we may expect that deviations will be introduced. To estimate the magnitude of possible deviations we can compare the expressions for misorientation angles for the case of dislocation that are parallel to grain boundaries. In this case the low angle approximation is [84] :
where s is the average distance between dislocations. The linear relation between θ and 1/s is analogous to Eq. 10. For higher angle misorientation several relations have been suggested [85, 86] :
or [87] b/s = 2 tan(θ/2) Eq. 26
or [88] b/s = tan Eq. 27
The differences in the expressions are due primarily to different assumptions on the arrangement of dislocations in the grain boundary. A conclusive analysis as to which of these expressions (Eq. 25-Eq. 27) is more accurate is not available.
If we calculate the deviations introduced by the various approximations for a typical  of about 30º we find deviations of 1%, -2% and 10% between Eq. 24 on the one hand and Eq. 25, Eq. 26
and Eq. 27, respectively. Thus we can expect that the adoption of the linear relation between total amount of dislocations subsumed in the grain boundary and , our model has an uncertainty in prediction of grain size of about 2 %, increasing to 10% if Eq. 27 would be the correct approximation. Such deviations are relatively limited (they are within the 25% accuracy in grain size predictions shown in Section 6.1) and would not significantly influence analysis and conclusions presented here.
Grain boundary strengthening
In the present work we used the grain size strengthening equation (Eq. 19) from work by Nes and co-workers [14, 68] . This approach provides a grain size strengthening that is somewhat different from the classical Hall-Petch (see e.g. [25, 26, 27] ) approach, which is regularly invoked in a range of publications. Several possible explanations for the d
dependency of grain size appearing in the Hall-Petch approach have been proposed (see e.g. [ 89 , 90 ] ). To consider the possible influence of the Hall-Petch approach on model predictions we provide the following assessment.
The most complete set of data for grain size dependency of flow stress for an alloy that is similar to the alloys considered in Sections 5.1 to 5.3 is that for the Al-1050 alloy provided by Hansen [27] . Hansen's data [27] [27] . This increased Hall-Petch constant would increase the grain size strengthening effect.)
Conclusion
A computationally efficient model that accurately predicts the grain size and hardness of a range of Al alloys processed by cold deformation at very high strains including cold SPD is presented. Conclusions are drawn as follows:
1 The model uses very few fittable parameters, only mean free path, l, is fitted. 2 Parameters input in the model include the composition of an Al alloys, size of non-shearable particles and strain. 3 The model is tested using the published data of a number of Al alloys processed by ECAP, cold rolling, forging and ARB. The accuracy of the predication is good. 4 The model is applicable to the homogenous deformation of Al alloys with short and fine particles. It can be easily extended to the precipitation strengthening Al alloys with proper modifications. 50 
